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Microstructural evolution during cold sheet rolling to 80% thickness strain and annealing at 600e1100 C
for 30 min of the CoCrFeNiMn high entropy alloy doped with 1 at.% of C and resulting mechanical
properties of the alloy are reported. It is shown that in the initial homogenized (24 h at 1000 C) con-
dition the alloy has single fcc phase structure. Cold rolling is accompanied by dislocation slip, defor-
mation twinning and formation of shear bands. Annealing at 600 C after 80% cold rolling results only in
partial recrystallization of cold-deformed structure, while an increase of the annealing temperature
produces fully recrystallized microstructure. Comparison with the data on undoped CoCrFeNiMn alloy
demonstrates that the addition of carbon pronouncedly increases dislocation activity simultaneously
retarding deformation twinning during rolling and decreases the fraction of twin boundaries in the
annealed condition. The effect of carbon can be attributed to an increase of stacking fault energy of the
carbon-containing alloy. Cold rolling results in a substantial strengthening of the alloy; its ultimate
tensile strength approaches 1500 MPa, but at the expense of low ductility. Good combination of strength
and ductility can be obtained after annealing. For example, after annealing at 800 C, the alloy has yield
strength of 720 MPa, ultimate tensile strength of 980 MPa, uniform elongation of 21% and elongation to
fracture of 37%. It is shown that the high strength of the annealed alloy can be attributed to (i) strong
grain boundary strengthening; (ii) solid solution strengthening by carbon.
© 2016 Elsevier B.V. All rights reserved.1. Introduction
The so-called high entropy alloys e alloys, composed of 5 or
more principal elements in nearly equiatomic proportions [1,2] e
has recently attracted considerable attention from the materials
scientists worldwide, mostly due to their encouraging mechanical
properties [2e10]. One of the most promising and well-studied
high entropy alloys is the equiatomic CoCrFeNiMn alloy [11]. It
has a single phase face-centered cubic (fcc) structure stable at high
temperatures [12e14], although there have been several reports
that precipitation of secondary phases can occur after annealing atructured Materials, Belgorod
stepanov.nikita@icloud.comintermediate temperatures [15e17]. The alloy demonstrates
remarkable work hardening capacity both at room and cryogenic
temperatures, and thus high ductility [18,19]. Moreover, the CoCr-
FeNiMn has extremely high fracture toughness at room and cryo-
genic temperature, exceeding fracture toughness of the most other
materials [20]. In general, mechanical behavior of the CoCrFeNiMn
alloy resembles much that of high-Mn austenitic TWIP steels
[21,22]. For example, both CoCrFeNiMn alloy and TWIP steels have
the same disadvantage e relatively low yield strength [18,19,23].
Several approaches can be used to improve the yield strength of
the CoCrFeNiMn alloy. One of them is microstructure reﬁnement
through a thermomechanical treatment. High Hall-Petch coefﬁ-
cient was reported for this alloy [18,24]; therefore producing the
ﬁne recrystallized microstructure by hot/warm working [25] or
cold working with subsequent annealing [26e31] can effectively
increase the yield strength of the alloy while maintaining high
ductility [18]. It should be noted that cold working without
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but at the expense of dramatically reduced ductility [15,22,32].
Another approach is to modify the chemical composition of the
alloy. There have been several reports on Co-Cr-Fe-Ni-Mn system
alloys with non-equiatomic compositions and/or lower number of
constitutive elements, and some of them demonstrated mechanical
properties superior to that of the original CoCrFeNiMn alloy
[21,33e39]. Additional alloying elements can also be introduced;
for instance, it is well established that Al results in a signiﬁcant
strengthening of the CoCrFeNiMn-based alloys [40,41].
Carbon is the primal alloying elements of steels, including TWIP
steels, which has a very pronounced effect on their mechanical
properties [23]. But for the high entropy alloys the effect of alloying
with carbon is still insufﬁciently studied [42e44]. First encouraging
report wasmade onmechanical properties of the CoCrFeNiMn alloy
containing 0.5 at.% of carbon in fcc solid solution: the alloy has
higher both yield strength and ultimate tensile strength, and more
pronounced strain hardening capacity, which was ascribed to
higher twinning activity than in the CoCrFeNiMn alloy [45]. How-
ever, the yield strength of the CoCrFeNiMn-0.5 at.% C alloy at room
temperature was not that high e only 225 MPa. On the other hand,
exceptional properties were recently reported for the fcc structured
Fe40$4Ni11$3Mn34$8Al7$5Cr6 alloy, which contained 1.1 at.% of carbon
[46]. The yield strength of the alloy was 355 MPa in a coarse-
grained condition (d ¼ 120 mm) or 557 MPa in a ﬁne-grained
condition (d ¼ 4.7 mm), and the tensile ductility reached ~50%.
Thus, the existing literature demonstrates that alloying with even a
relatively small amount of carbon can be an effective way to
enhance the mechanical properties of fcc structured HEAs. How-
ever, many aspects including the effect of carbon on deformation
and strengthening mechanisms, microstructure-properties re-
lationships and some others require additional studies.
Therefore, in current work we have studied the effect of ther-
momechanical processing of CoCrFeNiMn-C alloy, containing
z1 at.% of carbon, on microstructure and mechanical properties of
the alloys. According to results of [47], the alloy is anticipated to
have single fcc phase structure without any second phase (carbide)
precipitates. Typical thermomechanical processing scheme,
including multipass ﬂat rolling at ambient temperature with sub-
sequent annealing, was used. Two following aims were pursued: (i)
to obtain an alloy with a balanced combination of strength/ductility
characteristics; and (ii) to get a better understanding of the effect of
alloying with carbon on the mechanical properties of the CoCrFe-
NiMn alloy.
2. Experimental procedures
The alloy with nominal composition of CoCrFeNiMn-1(at.%)C
(z0.2 wt% C), was produced by arc melting of the elements in a
low-pressure, high-purity argon atmosphere inside a water-cooled
copper cavity. The purities of the alloying elements were above
99.9 at.%. To ensure chemical homogeneity, the ingots were ﬂipped
over and re-melted at least 5 times. The produced ingots had di-
mensions of about 6  12  40 mm3. Actual concentration of car-
bon in the alloy was measured with Leco analyzer and were found
to be 0.97 at.%. The alloy was studied after homogenization
annealing carried out at 1000 C for 24 h. Prior to homogenization,
the samples were sealed in vacuumed (102 torr) quartz tubes ﬁlled
with titanium chips to prevent oxidation. After annealing, the tubes
were removed from the furnace and the samples were cooled in-
side the vacuumed tubes down to room temperature.
Rectangular samples measured 5  10  20 mm3 were cut by
electric discharge machine to carry out thermomechanical pro-
cessing. Unidirectional multipass rolling using a ﬁxed rolling speed
of 30 mm/s at room temperature to a total thickness strain 80% wasperformed in air using a reduction per pass of approximately
0.2e0.07 mm. The rolling strain was calculated from the thickness
of produced specimens. After rolling to the ﬁnal thickness, some
specimens were annealed to produce recrystallized structure.
Annealing was carried out at temperatures of 600 C, 700 C,
800 C, 900 C, 1000 C and 1100 C for 30 min. For annealing, the
specimens were placed in preheated oven and held for desired
period of time. After annealing, the specimens were air cooled.
The microstructure of the alloy after rolling and annealing was
studied using transmission (TEM), scanning (SEM) electron mi-
croscopy, EBSD analysis, and X-ray diffraction (XRD) analysis. In the
case of the rolled samples, the microstructural investigations were
carried out in the plane perpendicular to the transversal direction.
The samples for SEM observations and EBSD analysis were pre-
pared by careful mechanical polishing. SEM back-scattered electron
(BSE) images were taken using FEI Quanta 3D microscope. EBSD
was conducted in an FEI Nova NanoSEM 450 ﬁeld-emission-gun
scanning-electron microscope (FEG-SEM) equipped with a Hikari
EBSD detector and a TSL OIM™ system version 6.0. The points with
conﬁdence index (CI)  0.1 were excluded from analysis. The
samples for TEM analysis were prepared by conventional twin-jet
electro-polishing of mechanically pre-thinned to 100 mm foils, in
a mixture of 95% C2H5OH and 5% HClO4 at the 27 V potential. TEM
investigations were performed using a JEOL JEM-2100 microscope
with accelerating voltage of 200 kV equipped with energy-
dispersive X-ray spectroscopy (EDS) detector. Dislocation density
was evaluated using the results of XRD analysis. XRD analysis was
performed using an ARL-X-tra diffractometer with CuKa radiation
at 45 kV and 35 mA. The value of the dislocation density, r, was
calculated using the following equation [48]:
r ¼ 3
ﬃﬃﬃﬃﬃﬃ
2p
p
< ε250 >
Db
(1)
Where <ε502 > is microstrains, D is the crystallite size, and b is the
Burgers vector (b ¼ 2.581010 m2 [22]). The microstrains, <ε502 >,
and the crystallite size, D, values were estimated on the basis of the
Williamson-Hall plot [49], using the equation:
bs cos Q
l
¼ 2< ε
2
50 > sin Q
l
þ K
D
(2)
where bs is the corrected full width at half maximum (FWHM) of
the selected Ka1 reﬂection of the studied material, Q is the Bragg
angle of the selected reﬂection, l is the Ka1 wavelength, and K is
Scherrer constant. In the present study, FWHMvalues and positions
of fcc (111) and (222) reﬂections were determined and used for
further calculations. The instrumental broadening was determined
from FWHM values of the annealed silicon powder.
Vickers microhardness tests of the specimens after rolling to
different thickness reduction of 5e80% and after annealing at
600e1100 C were conducted at room temperature using 300 g
load. At least 10 measurements per each data point were made.
Tensile properties of the alloy after 80% thickness strain and
annealing at 700 C, 800 C, 900 C and 1100 C for 30 min
(annealing temperatures were chosen by analysis of microhardness
data) were determined. To this end, ﬂat dog-bone specimens with
gauge dimensions of 16 mm length  3 mm width  1 mm thick-
ness, were cut by electric discharge machine and pulled at a con-
stant crosshead speed of 1mm/min in an Instron 5882 test machine
to fracture. The long axis of the specimens was aligned with rolling
direction. Elongation to fracture was determined by measurements
of spacing between marks designating the gauge length before and
after the test. Three samples per each condition were tested.
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3.1. The initial microstructure of the CoCrFeNiMn-1(at.%)C alloy
Fig. 1 characterizes the initial (homogenized) structure of the
CoCrFeNiMn-1(at.%)C alloy using data obtained by different
experimental techniques: XRD (Fig. 1a) and EBSD (Fig. 1b). Addi-
tional SEM-BSE and TEM (results not shown) investigations were
also performed. Detailed examination on different scales has
revealed that the microstructure consisted of fcc solid solution
without any other phases. The measured lattice parameter of the
fcc phase of the CoCrFeNiMn-1(at.%)C alloy equals to 0.3595 nm,
which is slightly higher than the fcc lattice parameter of the
carbon-free CoCrFeNiMn alloy (0.3593 nm [47]). The higher lattice
parameter of the carbon-containing alloy is most likely due to
dissolved carbon. The alloy has a granular microstructure with
equiaxed or elongated grains. The grain size in the homogenized
condition is 250e300 mm. The presence of pores and manganese
oxide particles, visible as black dots on EBSD image has to be
noted.
3.2. Effect of cold rolling on microstructure of the CoCrFeNiMn-
1(at.%)C alloy
Fig. 2 demonstrates EBSD IPF maps of the CoCrFeNiMn-1(at.%)C
alloy after cold rolling to different thickness strain. No noticeable
changes in the homogenized microstructure of the alloy after
rolling to 5% or 15% strainwere detected by EBSDmethod. After 25%
thickness strain, development of substructure and mechanical
twinning becomes evident (Fig. 2a). Twinning and substructure
develop heterogeneously e some grains contain numerous twins
(an example is shown in a higher magniﬁcation insert in Fig. 2a),
some contain several twins, while the majority of the initial grains
contain mostly low-angle boundaries. The inhomogeneity of the
deformation structure is most probably associated with different
crystallographic orientation of the initial grains. The fraction of
twinned grains increases with the increase of rolling strain (Fig. 2b).
The initial grains stretch in the rolling direction, and deformation
twins tend to rotate toward the rolling direction (Fig. 2c) at a strain
of 60%. The development of shear bands (some of them are high-
lighted with red dashed lines in Fig. 2c) also has to be noted. As the
result, typically heavily-deformed elongated microstructure,
composed of pancaked initial grains with twin/subgrainFig. 1. Structure of the CoCrFeNiMn-1(at.%)C alloy in initial homboundaries inside, crossed by shear bands is formed after rolling to
80% reduction (Fig. 2d).
Additional information on microstructure evolution during cold
rolling was obtained using TEM analysis (Fig. 3). At the early stages
of deformation, numerous, mostly individual dislocations are
observed (Fig. 3a). With an increase of rolling strain, dislocations
start to arrange into dense dislocation pile-ups along the slip planes
(Fig. 3b). At further plastic straining to 25% thickness strain,
deformation twins appear (Fig. 3c). The thickness of individual
twins is about 20e50 nm, and they tend to be inclined at 45 to
rolling direction. With further increase of rolling strain, more twins
are observed; twins cluster into bundles with a thickness of around
several hundred nm (Fig. 3d). Note that the dislocation density also
increases pronouncedly. At thickness strains of 60% and 80% typical
heavily cold rolled lamellar structure, composed of twin boundaries
nearly parallel to the rolling direction and developed substructure
is observed (Fig. 3e, f). The average transversal spacing between
boundaries isz 50 nm after 80% thickness strains.
The numerical information on microstructure evolution of the
CoCrFeNiMn-1(at.%)C alloy during cold rolling, including disloca-
tion density and fraction of grains containing twins, is shown in
Fig. 4. For the comparison, similar information on the carbon-free
CoCrFeNiMn alloy [22] (is) are also presented. Note that disloca-
tion density in the CoCrFeNiMn-1(at.%)C alloy was measured using
XRD analysis and therefore accounts both for the density of intra-
crystalline dislocation density (dislocations) and for the density of
dislocations stored in (sub)grain boundaries. Meanwhile in the
CoCrFeNiMn alloy the dislocation density was measured by TEM
within grains and subgrains only [22]. The XRD method in the
former case was used because the dislocation density was too high
to distinguish individual dislocations in TEM images of the
CoCrFeNiMn-1(at.%)C alloy. The results demonstrate that the
addition of carbon increases dislocation activity in the alloy
(Fig. 4a). At high strains (40%), the dislocation density in the
carbon-containing alloy is ~2  1015 m2 that is approximately
twice higher than that of the base CoCrFeNiMn alloy; however, note
that the direct comparison between the values obtained by the
different methods is impossible. Carbon also effects on the kinetics
of dislocation density increase. In the alloy with carbon, fast in-
crease of dislocation is observed at strains of 40%, and at higher
strains a stage with much slower rate of increase of dislocation
density is found. In the carbon-free alloy, the decrease in kinetics is
reached already after 25% rolling strain. On the other hand, theogenized condition: a e XRD pattern; b e EBSD IPF map.
Fig. 2. EBSD IPF maps of the CoCrFeNiMn-1(at.%)C alloy after cold rolling to thickness strain of: (a) 25%; (b) 40%; (c) 60%; (d) 80%. Rolling direction is horizontal. The corresponding
color-coded inverse pole ﬁgure is given in Fig. 1b. (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the web version of this article.)
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(Fig. 4b). For example, in the CoCrFeNiMn-1(at.%)C alloy no twins
are found after 5% rolling, and fraction of twinned grains equals to 1
(i.e. each grain contains at least one twin) only after 60% rolling.3.3. Effect of annealing on microstructure of the cold-rolled
CoCrFeNiMn-1(at.%)C alloy
EBSD IPF maps show the microstructure of the CoCrFeNiMn-
1(at.%)C alloy after cold rolling to 80% thickness strain and subse-
quent annealing at 600e1100 C for 1 h (Fig. 5). Annealing at 600 C
(Fig. 5a) reduces dislocation density and stresses in the alloy which
is mirrored in a lower fraction of un-indexed black points in com-
parison with the cold-rolled condition (Fig. 2d). However, the
morphology of the microstructure seems to be mostly inherited
from the deformed condition and only several new recrystallized
grains can be found (some of them highlighted with yellow circles
in Fig. 5a). Thus recovery mostly takes place during annealing at
600 C. Complete recrystallization of the cold-rolled material oc-
curs after annealing at 700 C (Fig. 5b). The recrystallized structure
is very inhomogeneous: alongside with relatively coarse recrys-
tallized grains with order-of-magnitude size of tens of mm (upper
part of Fig. 5b), much ﬁner grains with order-of-magnitude size of
several mm can be found (lower part of Fig. 5b). The inhomogeneity
of the recrystallized microstructure can be caused by theinhomogeneity of the cold-rolled structure (Fig. 2d). The presence
of annealing twins, mostly in relatively coarse grains, has to be
noted. But even the coarse grains have an irregular shape with
many curved boundaries. The microstructure of the CoCrFeNiMn-
1(at.%)C alloy becomes more homogeneous after annealing at
800 C (Fig. 5c) - there are less ﬁne-grained regions, and most
structure is composed of relatively coarse grains. The shape of the
grains also becomes closer to regular polygonal one. Further in-
crease of annealing temperature from 900 C to 1100 C results in
an increased recrystallized grain size, more homogeneous structure
and an increased fraction of twin boundaries (Fig. 5cee).
Quantitative analysis of the CoCrFeNiMn-1(at.%)C alloy micro-
structure after cold rolling and subsequent annealing at
700e1100 C, in terms of the mean grain size and the fraction of
twin boundaries are shown in Fig. 6a and Fig. 6b, respectively. For
the sake of comparison, the corresponding data on the CoCrFeNiMn
alloy after similar processing available in Refs. [18,27,29] is also
presented. Note that the data on the CoCrFeNiMn-1(at.%)C alloy
annealed at 600 C is not presented as the number of recrystallized
grains in this condition was not sufﬁcient to measure their size and
the fraction of annealing twins reliably. The grain size of the
CoCrFeNiMn-1(at.%)C alloy becomes larger with an increase of
annealing temperature (Fig. 6a) from 1.4 mm to 69.7 mm after
annealing at 700 and 1100 C, respectively. The rate of the micro-
structure coarsening increases with temperature following the
Fig. 3. TEM bright-ﬁeld images of CoCrFeNiMn-1(at.%)C alloy after cold rolling with thickness strains of: (а) 5%; (b) 15%; (c) 25%; (d) 40%; (e) 60%; (f) 80%. Rolling direction is
identiﬁed with an arrow.
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similar processing [18,27,29] (Fig. 6a). This result does not suggest
any noticeable inﬂuence of carbon upon grain growth; however,
the effect of carbon becomes apparent in the fraction of annealing
twin boundaries observed in the recrystallized structure (Fig. 6b).
The dependence of twin boundaries fraction on annealing tem-
perature is pronouncedly non-monotonic: an increase from
~0.26 at 700 C to ~0.4 at 800, a steady state in the interval
800e1000 C and then the fraction of twins again increases to ~0.50
after annealing at 1100 C. Much lower fraction of twin boundaries
in the alloy annealed at 700 C can be attributed to the presence of
ﬁne-grained regions in microstructure (Fig. 5a) where the grains
mostly do not contain annealing twins. Comparison with the data
on carbon-free CoCrFeNiMn alloy demonstrates that the fraction oftwins is signiﬁcantly lower in carbon-free alloy: the fraction of
twins in CoCrFeNiMn alloy after annealing at 800e1000 C is
0.53e0.57 [27].
In addition to the EBSD investigation, the microstructure of the
selected (800 and 1000 C) annealed specimens of the
CoCrFeNiMn-1(at.%)C alloy was examined by TEM to check if sec-
ond phases (carbides) can form due to annealing. Careful inspection
has not revealed any second phases in the sample annealed at
1000 C, but in the 800 C annealed specimen some spherical
carbides measuring 50e250 nm diameter are found (Fig. 7). The
carbides tend to be located inside grains and not on grain bound-
aries. Selected area diffraction pattern show that the observed
carbides were of M23C6 type, and EDS analysis reveals that the
precipitates were mainly composed of Cr. The precipitation of Cr-
Fig. 4. The dependencies of (a) e dislocation density; (b) fraction of twinned grains of the CoCrFeNiMn-1(at.%)C alloy on thickness strain. The comparisonwith literature data on the
CoCrFeNiMn alloy is also given. Note the different methods used to measure dislocation density in the alloys.
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data on CoCrFeNiMn-C alloys with higher carbon concentrations
[47]. The volume fraction of the observed carbides is very low
(0.2%) letting us to consider the alloy in this condition as a single
phase alloy.
3.4. Effect of thermomechanical processing on mechanical
properties of the CoCrFeNiMn-1(at.%)C alloy
To evaluate the effect of thermomechanical processing on me-
chanical properties, Vickers microhardness of the CoCrFeNiMn-
1(at.%)C alloy was measured at different stages of rolling (Fig. 8a)
and after annealing of the 80% cold-rolled specimens at tempera-
tures of 600e1100 C (Fig. 8b). The microhardness values of the
CoCrFeNiMn alloy after similar processing [21,22] are also shown.
Obviously, rolling results in a pronounced increase of hardness of
the CoCrFeNiMn-1(at.%)C alloy (Fig. 8a): the microhardness in-
creases from 173 HV in the initial homogenized condition to 389 HV
after 80% cold rolling. Note that at the initial stages of deformation
(up to 25% thickness strain) the hardness rapidly increases with an
increase in strain and a linear strain/microhardness ratio is main-
tained. Further rolling of the alloy results in gradual decrease of
hardening rate and almost steady state stage is observed at rolling
strains of 60e80%. The comparison with the carbon-free CoCrFe-
NiMn alloy [22] demonstrates that the hardening behavior of both
alloys is rather similar; slightly higher microhardness of the
CoCrFeNiMn-1(at.%)C alloy does usually not exceed the experi-
mental error.
The dependence of microhardness of the CoCrFeNiMn-1(at.%)C
alloy on the annealing temperature (Fig. 8b) is non-monotonic.
Annealing at 600 C does almost not change the microhardness
in comparison with the initial 80% cold-rolled condition (390 and
395 HV, respectively). At higher annealing temperatures a pro-
nounced decrease of hardness is observed. The microhardness
decreases to 219 HV after annealing at 700 C and to 135 HV at
1100 C, i.e. softening diminishes with an increase of annealing
temperature. The comparison with the data on the CoCrFeNiMn
alloy [21] shows that the annealing behavior of both alloys is very
similar.
To get a better understanding of the mechanical behavior of the
CoCrFeNiMn-1(at.%)C alloy in different conditions, tensile tests of
some selected conditions were performed. Fig. 9 demonstrates
stress-strain curves, obtained during tensile testing of the
CoCrFeNiMn-1(at.%)C alloy in the 80% cold-rolled condition and
after annealing at 700 C, 800 C, 900 C and 1100 C. The resulting
mechanical properties, namely yield strength (s0.2), ultimatetensile strength (sUTS), elongation to fracture (d) and uniform
elongation (du) are summarized in Table 1. The cold-rolled condi-
tion of the alloy demonstrates high yield strength of 1360 MPa, but
a negligible strain hardening capacity results in poor ductility e the
uniform elongation is only 0.5%, and the total elongation is 15%.
Nevertheless, the ultimate tensile strength of the cold-rolled alloy
is as high as 1470 MPa. Annealing increases the strain hardening
capacity and the ductility of the alloy. For example, after annealing
at 700 C the alloy shows the uniform elongation of 6%, but at the
expense of reduced strength e the yield strength of the alloy is
1070 MPa, and the ultimate tensile strength is 1270 MPa. An in-
crease of annealing temperature results in further softening of the
alloy. After annealing at 1100 C, the alloy has high ductility e the
uniform elongation is 46% and the elongation to fracture is 66%, but
the strength is relatively low e the yield strength is 380 MPa and
the ultimate tensile strength is 810 MPa. Observation of fracture
surfaces (not shown) has revealed typical dimpled ductile fracture
in all specimens. The size of the dimples becomes larger with in-
crease of annealing temperature.
4. Discussion
4.1. Effect of carbon on microstructure evolution in the
CoCrFeNiMn-1(at.%)C alloy during thermomechanical processing
Although signiﬁcant attention is paid to the development of
new compositions of high entropy alloys, the effect of alloying is
generally studied by revealing changes in phase composition and
microstructure of the alloys in as-cast or heat-treated conditions
and their mechanical properties [2]. The potential alloying effect
on deformation mechanisms, including mechanisms governing
the microstructure evolution during thermomechanical process-
ing, have received much less attention [39,45,50]. But the present
results demonstrate that alloying even with the relatively small
amount of carbon can result in pronounced changes in the
microstructural evolution of the fcc CoCrFeNiMn alloy during cold
rolling. The sequence of deformation mechanisms operating in
the CoCrFeNiMn alloy during cold rolling was proposed in
Ref. [22]. It includes dislocation activity at the earlier stages of
deformation, further deformation twinning, and formation of
shear bands at latter stages of deformation. The samemechanisms
were found to operate in the CoCrFeNiMn-1(at.%)C alloy, however,
their activity at different stages of deformation is signiﬁcantly
different from the undoped alloy. The most obvious difference is
much slower twinning kinetics (Fig. 4b), and higher dislocation
activity (Fig. 4a). It should be noted that these observations are in
Fig. 5. EBSD IPF maps of the CoCrFeNiMn-1(at.%)C alloy after cold rolling to 80% thickness strain with subsequent annealing at: (а) 600С, (b) 700С, (c) 800С, (d) 900С, (e)
1000С, (f) 1100С. The corresponding color-coded inverse pole ﬁgure is given in Fig. 1b. (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to
the web version of this article.)
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behavior of the CoCrFeNiMn alloy, which resulted in more active
mechanical twinning at room temperature [45].
Generally, the active deformation mechanisms at selected
temperature are believed to be dependent on stacking fault energy
(SFE) in materials exhibiting deformation-induced twinning or
deformation-induced phase transformations [23]. Although there is
no solid consensus, the TWIP effect in austenitic steels is expectedwhen the SFE is in the range of 20e40 mJ/m2 [51]. The reported
room temperature SFE values for the CoCrFeNiMn alloy
(18.3e27.3 mJ/m2) approximately fell in this range [52,53]. It was
established that carbon pronouncedly increases SFE of TWIP steels
[54] and Fe-Cr-Ni-based stainless steels [55]. Taking into account
similarity of composition and mechanical behavior of the CoCrFe-
NiMn alloy and austenitic steels [21,22] it seems reasonable that the
SFE of the CoCrFeNiMn-1(at.%)C alloy is higher than that of the
Fig. 6. Dependencies of the (a) mean recrystallized grain size; (b) fraction of twin boundaries (TB) in the CoCrFeNiMn-1(at.%)C alloy on annealing temperature. The comparisonwith
the literature data on the CoCrFeNiMn alloy is also given. Note the different processing conditions used in Refs. [18,27,29]: rolling to 87% thickness strain and 1-h annealing in
Ref. [18], rolling to 84% thickness strain and 1-h annealing in Ref. [27] and rolling to 90% thickness strain and 1-h annealing in Ref. [29].
Fig. 7. TEM bright-ﬁeld image of the CoCrFeNiMn-1(at.%)C alloy after cold rolling to
80% thickness strain and subsequent annealing at 800 C; the corresponding selected
area electron diffraction pattern is inserted.
Fig. 9. Engineering stress-strain curves obtained during tensile testing of the
CoCrFeNiMn-1(at.%)C alloy after cold rolling to 80% thickness strain and subsequent
annealing at 700 C, 800 C, 900 C and 1100 C.
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dislocation slip may be preferred to mechanical twinning due toFig. 8. Dependencies of Vickers microhardness of the CoCrFeNiMn-1(at.%)C alloy on: (a) rol
on the CoCrFeNiMn alloy is also given. Note the different annealing conditions used in Reflower stresses required for dislocation slip in the carbon-containing
alloy as the width of dissociated dislocations is lower in higher SFE
materials [56]. Presumably, the increased dislocation density at
higher strains (Fig. 4a) will increase stresses required for disloca-
tion slip due to the mutual interaction between lattice dislocations
thereby activating mechanical twinning. This scenario agrees wellling strain; (b) subsequent annealing temperature. The comparison with literature data
. [21]: the annealing time was 1 h.
Table 1
Tensile mechanical properties of the CoCrFeNiMn-1(at.%)C alloy after cold rolling to
80% thickness strain and subsequent annealing at 700 C, 800 C, 900 C and 1100 C.
Annealing temperature, С s0.2 sUTS d,% du, %
Cold-rolled 1360 1470 15 0.5
700 1070 1270 14 6
800 720 980 37 21
900 570 880 48 30
1100 380 810 66 46
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deformation mechanisms were observed in the
Fee20MnexCue1.3C (x ¼ 0, 1.5 and 3.0) TWIP steels and were
attributed to increase of SFE with an increase of copper content
[57]. Despite such a pronounced changes in the activity of defor-
mation mechanisms at different stages of strain, hardening during
cold rolling occurs very similarly in both CoCrFeNiMn and
CoCrFeNiMn-1(at.%)C alloys (Fig. 8a). It suggests that the total
contribution of different strengthening mechanisms (dynamic
Hall-Petch effect due to twinning, an increase in dislocation density
and development of substructure) give approximately the same
value.
The increased SFE in the CoCrFeNiMn-1(at.%)C alloy can also be
conﬁrmed by a lower fraction of annealing twins after annealing in
comparison with that in the CoCrFeNiMn alloy [26] (Fig. 6b). It is
established that the fraction of annealing twins is inversely pro-
portional to SFE of the alloy [58]. Note that the fraction of annealing
twins is the only difference in recrystallization behavior between
the CoCrFeNiMn and CoCrFeNiMn-1(at.%)C alloy, as the
morphology of microstructure (Fig. 5), recrystallized grain size
(Fig. 6a) and softening behavior (Fig. 8b) of both alloys are almost
identical.4.2. Microstructure-properties relationship in the CoCrFeNiMn-
1(at.%)C alloy
The mechanical properties of the CoCrFeNiMn-1(at.%)C alloy
show apparent dependencies on thermomechanical treatment
conditions and resulting microstructure: cold rolling results in
pronounced hardening of the alloy due to increased dislocation
density and mechanical twinning (Fig. 8a) and 80% cold rolled alloy
demonstrates impressive tensile strength (Fig. 9 and Table 1) but at
the expense of very poor uniform elongation. Comparison withFig. 10. Analysis of mechanical properties of the CoCrFeNiMn-1(at.%)C alloy: (a) the Hall-P
alloy after cold rolling and subsequent annealing; (b) the relationship between the ultim
different conditions. The comparison with literature data on the CoCrFeNiMn alloy is also gtensile properties of the similarly processed CoCrFeNiMn alloy [22]
shows that the carbon-containing alloy has higher strength (ulti-
mate tensile strength of 1470 MPa vs. 1175 MPa) and comparable
ductility (elongation to fracture of 15% vs. 14.4%). One should note
that the CoCrFeNiMn-1(at.%)C alloy has almost identical strength to
that of the cryo-rolled CoCrFeNiMn alloy (1495 MPa) [22]. Higher
strength of the carbon-containing CoCrFeNiMn-1(at.%)C alloy can
be attributed to (i) the solid-solution strengthening effect of carbon
[46,47]; and (ii) the higher dislocation density (Fig. 4a).
Annealing at 700e1100 C causes softening (Fig. 8b) and in-
creases ductility of the cold-rolled CoCrFeNiMn-1(at.%)C alloy. In
terms of microstructure, softening is highly anticipated as
recrystallization takes place at these temperatures. However, even
in the recrystallized condition the CoCrFeNiMn-1(at.%)C alloy
demonstrates relatively high strength. For example, after 800 C
annealing, the alloy has a mean grain size of 4.9 mm, yield strength
of 720 MPa, ultimate tensile strength of 980 MPa and elongation
to fracture of 37%. These values are unexpectedly high for the
nearly single fcc phase alloy with the recrystallized microstruc-
ture. To compare, the CoCrFeNiMn alloy with grain size of 4.4 mm
has yield strength of z355 MPa, ultimate tensile strength of
z660 MPa and elongation to fracture of z36% [18], i.e. the
carbon-containing alloy with almost the same grain size has twice
higher yield strength, 50% higher ultimate tensile strength and the
same ductility as carbon-free alloy. Even the coarse-grained
CoCrFeNiMn-1(at.%)C alloy produced by cold rolling and subse-
quent annealing at 1100 C with a grain size of 69.7 mm has much
higher strength than the CoCrFeNiMn alloy with the grain size of
50 mm: the respective values of yield strength are 380 MPa and
z190 MPa [18]. Therefore, the reasons for the superior strength of
the recrystallized carbon-containing CoCrFeNiMn-1(at.%)C alloy
are worth to be explored.
Several strengthening mechanisms can operate in recrystallized
CoCrFeNiMn-1(at.%)C alloy, namely, grain boundary (Hall-Petch)
strengthening, solid solution strengthening and precipitation
strengthening. Although some individual precipitates were found
in the 800 C annealed alloy (Fig. 7), their small volume fraction and
large spacing between the precipitates presumably make their
contribution to the strength of the alloy negligible. The yield
strength of the CoCrFeNiMn-1(at.%)C alloy pronouncedly decreases
with the increase of annealing temperature from 700 to 1100 C
(Table 1), and in the same temperature range the recrystallized
grain size signiﬁcantly increases (Fig. 6a). This might imply that
strong Hall-Petch strengthening occurs in the CoCrFeNiMn-1(at.%)Cetch dependencies of the yield strength, YS, on grain size in the CoCrFeNiMn-1(at.%)C
ate tensile strength and yield strength difference and uniform elongation values in
iven.
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dependence between yield strength of the CoCrFeNiMn-1(at.%)C
alloy in different conditions and the grain size has been plotted in
Fig. 10a.
The produced Hall-Petch plot (Fig. 10a) demonstrates that
strong dependence between the grain size and the yield strength
exists in the annealed CoCrFeNiMn-1(at.%)C alloy. The dependence
is governed by the following equation:
s0:2 ¼ 288:15þ 935:25 d1=2 (3)
where s0.2 is the yield strength (in MPa), d is the grain size (in mm),
s0¼ 288.15 (MPa) is the friction stress, and k¼ 935.25 (MPa mm1/
2) is the Hall-Petch coefﬁcient. The slope of the Hall-Petch curve of
the studied CoCrFeNiMn-1(at.%)C alloy is noticeably higher than
that of the carbon-free CoCrFeNiMn alloy: the Hall-Petch coefﬁ-
cient of the “pure” CoCrFeNiMn alloy is only 538MPa mm1/2 [18].
The Hall-Petch coefﬁcient of the CoCrFeNiMn alloy was reported to
be unexpectedly high for the fcc alloy [24], and present results
suggest that it increases very pronouncedly due to carbon addition.
The increase of Hall-Petch coefﬁcient is the indication that slip
transfer between different grains becomes harder. The apparent
explanation can be preferred segregation of carbon atoms on grain
boundaries. However, the EDS scanning has not revealed enrich-
ment of grain boundaries with carbon. Another indirect conﬁrma-
tion that carbon does not segregate on grain boundaries can be
found in the distribution of carbides in the CoCrFeNiMn-1(at.%)C
alloy after 800 C annealing (Fig. 9). The carbides are found inside
grains and not on the grain boundaries. Presumable, at the
annealing temperature of 800 C the pipe diffusion of carbon in the
fcc phase of the CoCrFeNiMn-1(at.%)C alloy can be fast enough to
promote precipitation of carbides on lattice dislocations during the
very initial stages of annealing process. This observation contra-
dicts the idea of preferred segregation of carbon on grain bound-
aries. Therefore, present results do not conﬁrm the suggestion that
increase of Hall-Petch coefﬁcient in the carbon-containing
CoCrFeNiMn-1(at.%)C alloy in comparison with the carbon-free
CoCrFeNiMn alloy is due to carbon segregations on grain bound-
aries. Additional investigations of the reasons for the increased
Hall-Petch coefﬁcient are thus required.
In addition to the higher k coefﬁcient in the CoCrFeNiMn-1(at.%)
C, the friction stress (s0) value of 288.15MPa is also higher than that
reported for the CoCrFeNiMn alloy e125 MPa [18]. The increase of
friction stress can possibly be attributed to solid solution
strengthening effect caused by carbon. Indeed, the CoCrFeNiMn-
1(at.%)C alloy contains z1 at.% (or z0.2 wt%) of carbon in solid
solution. Linear dependence between the carbon concentration and
the yield strength has been established for different austenitic
steels and it was found that the yield strength increases by
76.6 MPa per 1 at.% of carbon in stainless steels [59] and by 42MPa/
at% C in TWIP steels [60]. However, the difference between the
friction stresses of the CoCrFeNiMn-1(at.%)C and CoCrFeNiMn al-
loys is much higher - z160 MPa. Probably, complex stress ﬁelds
around each atom in the fcc lattice of the CoCrFeNiMn-based alloys
due to the differences in atomic sizes and shear modulus of the
composing elements may increase the strengthening effect of car-
bon in comparison with more dilute steels. The developed theo-
retical approaches for solid solution strengthening in HEAs account
only for substitutional solid solutions [38,61,62] and therefore it
difﬁcult to make any calculation to prove this assumption. How-
ever, the previously reported data on CoCrFeNiMn-0.5 (at.%) C and
Fe40$4Ni11$3Mn34$8Al7$5Cr6-1.1 (at.%) C alloys [45,46] conﬁrm strong
solid solution strengthening effect of C. In the CoCrFeNiMn-0.5
(at.%) C alloy, the yield strength increases by z 120 MPa/at% C,
while in the Fe40$4Ni11$3Mn34$8Al7$5Cr6-1.1 (at.%) C the increase ofyield strength is 178 MPa/at%C. These values are reasonably close to
the increase of friction stress of the CoCrFeNiMn alloy due to
alloying with 1 at.% of carbon found in current study -z160MPa/at
% C, taking into account the experimental uncertainties. Thus the
increase in friction stress in equation (3) in the carbon-containing
CoCrFeNiMn-1(at.%)C alloy in comparison with “pure” CoCrFe-
NiMn can be attributed to solid solution strengthening.
It is alsoworth to estimate the effect of carbon on ductility of the
CoCrFeNiMn-based alloys. The CoCrFeNiMn alloy demonstrates an
impressive tensile ductility at room temperature due to a high
strength hardening capacity [18]. The difference between the ulti-
mate tensile strength (sUTS) and the yield strength (s0.2) can be
used as a measure of the strain hardening capacity [45]. Therefore,
we have plotted the relationship between the sUTS - s0.2 values and
the uniform elongation (du) values (Table 1) for the CoCrFeNiMn-
1(at.%)C alloy in different conditions (Fig. 10b). Literature infor-
mation on the carbon-free CoCrFeNiMn alloy [18,45] is also pro-
vided. One can see that the ductility increases with the increase of
the strain hardening capacity both in the CoCrFeNiMn-1(at.%)C and
CoCrFeNiMn alloys. However, less expected fact is that the dots
corresponding to the carbon-free CoCrFeNiMn alloy are found
above the CoCrFeNiMn-1(at.%)C alloy dots, i.e. at the given sUTS -
s0.2 value the uniform elongation will be lower in the alloy doped
with carbon. This should be the reason why the ductility of the
CoCrFeNiMn-1(at.%)C alloy evenwith coarse recrystallized grains is
lower than that of the CoCrFeNiMn alloy [18]. Alloying with carbon
changes relative contributions of dislocation activity and mechan-
ical twinning at different stages of plastic deformation (previous
section) and therefore possibly affects the tensile strain hardening
behavior of the alloy thereby decreasing its ductility. Additional
work is required to prove this suggestion, however.
To sum up, the present study demonstrates that the
CoCrFeNiMn-1(at.%)C alloy after cold rolling and recrystallization
annealing has very attractive mechanical properties. For example,
the CoCrFeNiMn-1(at.%)C alloy with ﬁne recrystallized micro-
structure demonstrates the tensile strength of nearly 1 GPa with
ductility of 37% (Table 1), which is competitive to the best
precipitation-hardened HEAs [8]. In the ﬁeld of new HEAs devel-
opment, little attention is paid to the usage of interstitial elements,
but many commercial alloys heavily rely on the presence of inter-
stitial elements. Current results together with other recent reports
[45,46] show that the interstitial alloying of HEAsmay be promising
for obtaining alloys with enhanced properties. By proper thermo-
mechanical processing, the strength-ductility combination of the
alloys can be tailored to meet speciﬁc requirements. However,
additional experimental and theoretical investigations are needed
to establish the effects of interstitial elements on phase formation,
deformation and strengthening mechanisms and other important
aspects.
5. Conclusions
In presents study the effect of cold sheet rolling to 80% thickness
strain and subsequent annealing at 600e1100 C for 1 h on
microstructure and mechanical properties of the CoCrFeNiMn high
entropy alloy containing 1 at.% of carbon (CoCrFeNiMn-1(at.%)C
alloy) were studied. The following conclusions can be drawn from
this work:
1) After homogenization annealing at 1000 C for 24 h the
CoCrFeNiMn-1(at.%)C alloy has a single fcc solid solution phase
structure. The microstructure of the alloy is composed of coarse
equiaxed grains with a size of 250e300 mm.
2) The microstructure evolution during cold rolling of the
CoCrFeNiMn-1(at.%)C alloy is associated with dislocation slip at
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shear band formation during further deformation. As the result,
a ﬁne lamellar structure with transversal spacing between
boundaries of z50 nm and high dislocation density of
~2  1015 m2 is formed after thickness strain of 80%. Compar-
ison with the CoCrFeNiMn alloy demonstrates that dislocation
density is higher in the carbon-doped alloy, while twinning ki-
netics is slower. The changes in the contribution of different
deformation mechanisms were attributed to increase of SFE due
to carbon doping.
3) Annealing of the 80% cold rolled CoCrFeNiMn-1(at.%)C alloy at
600 C results mostly in recovery and only few recrystallized
grains appear. Annealing at 700e1100 results in complete
recrystallization of the alloy. The average size of recrystallized
grains increases with the increase of annealing temperature
from 1.4 mm after annealing at 700 C to 69.7 mm after annealing
at 1100 C.
4) Rolling results in continuous increase of microhardness of the
CoCrFeNiMn-1(at.%)C alloy from 173 HV in the initial homoge-
nized condition to 389 HV after 80% cold rolling. After 80%
rolling, the alloy has yield strength, ultimate tensile strength,
and elongation to fracture of 1360 MPa, 1470 MPa and 15%,
respectively.
5) The CoCrFeNiMn-1(at.%)C alloy becomes softer andmore ductile
with increase of annealing temperature from 700 C to 1100 C,
for example, yield strength decreases from 1070 MPa to
380 MPa, and elongation to fraction increases from 14% to 66%.
After annealing at certain conditions, the alloy demonstrates a
balanced combination of mechanical properties. For example,
after annealing at 800 C alloy has yield strength of 720 MPa,
ultimate tensile strength of 980 MPa, uniform elongation of 21%
and elongation to fracture of 37%. High strength of the
CoCrFeNiMn-1(at.%)C after recrystallization annealing was
attributed to strong grain boundary strengthening. Solid solu-
tion strengthening by carbon also contributes to the strength of
the alloy.
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